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Abstract The microstructural evolution with strain was

investigated in a Zr-modified 6082 Al– Mg– Si alloy and in

the same alloy added with 0.117 wt.% Sc, subjected to a

multi-pass equal-channel angular pressing, up to a true

strain of ~12. The role of fine Al3(Sc1-x,Zrx) dispersoids,

pertaining Al– Mg– Si– (Sc– Zr) alloy, and Al3Zr disper-

soids, pertaining to Al– Mg– Si– (Zr) alloy, was investi-

gated by transmission electron microscopy techniques and

discussed. Compared to the commercial parent alloy, Al–

Mg– Si, block wall formation and propagation were favored

by the presence of Sc– Zr containing dispersoids, while cell

boundary evolution was less affected, Al3Zr dispersoids

affected the microstructure in a similar way, but in a lesser

extent. Mean misorientation across block walls increased

with strain much more in the Sc– Zr containing alloy,

reaching a plateau, starting from a true strain of ~8. Mis-

orientation across cell boundaries continuously increased to

~8� and ~5� for the Sc– Zr and Zr containing alloy,

respectively. The effect of the presence of Al3(Sc1-x,Zrx)

and Al3Zr in the matrix, on the Mg2Si particle shearing and

Si shrinking phenomena with strain, was also addressed and

documented.

Introduction

There is much current interest in producing metals with

very small grain sizes. A reduction in grain size has the

advantage of improving the strength and toughness of the

material at room temperature and, if the small grain sizes is

retained to elevated temperatures, there is also a potential

for achieving good formability and superplastic ductility.

However, processing bulk aluminum alloys to sub-micro-

meter grain sizes is rather difficult, and normally the

smallest grain sizes achievable through conventional ther-

mo-mechanical means are ~15– 20 lm [1– 4].

Very fine grained microstructures can only be effec-

tively achieved by using severe deformation methods, such

as high-pressure torsion (HPT), reciprocal extrusion,

accumulative roll bonding and equal channel angular

pressing [1, 5– 7]. The latter method, developed almost

20 years ago, by Segal et al. [8], involves subjecting a

material to severe plastic deformation by repeatedly

shearing a billet under constrained conditions, in a die with

two channels of identical cross section meeting at a specific

angle and curvature. A wide range of alloys have been

deformed using ECAP to grain sizes below ~1 lm, often

resulting in improvements such as increased strength,

toughness and fatigue resistance and high strain rate

superplasticity [7, 9, 10]. Since the cross-sectional

dimensions of the specimen are not modified by passage

through the die, repeated pressings may be used to attain

very high strains [5, 11].

Recently, two important advances have been made in

ECAP processing of metals. First, ECAP has been com-

bined with other metal-working processes to provide a

more versatile procedure. In fact, performance of cold

rolling after ECAP has been shown to improve the poten-

tial for producing an ultrafine grained material in sheet

form [12]. Other novel developments include the utilization

of a multipass facility or a rotary die in order to achieve

high total strains without removing the specimen from the

ECAP die [9– 14].
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Systematic studies on the role of ECAP shear on

subgrain and grain evolution have been performed only in

recent years. Several investigations [15, 16] have shown

that, during deformation, grains in polycrystals subdivide

into many small crystallites, each having a crystal orien-

tation rotated toward neighboring and to the original grains.

Thus, during straining, dislocations generally arrange into a

mosaic-like pattern which is basically composed of dislo-

cations arranged in nearly two-dimensional boundaries

surrounding regions which are almost dislocation-free.

According to the low-energy dislocation system (LEDS),

concept first introduced by Kuhlmann-Wilsdorff [18, 19],

during deformation, dislocation structures serve the func-

tion of maintaining force equilibrium by strengthening the

material to the level of the actual applied stress. Thus, on

the basis of this theory, dislocation boundaries are the most

thermodynamically possible stable dislocation arrange-

ment. Furthermore, even for the same wall crystallographic

orientation, the energy per unit length of dislocation can be

reduced by increasing the boundary rotation angle (i.e., its

misorientation) [19]. Parameters such as dislocation den-

sity and dislocation boundary spacing (pertaining to both

cells and grains) are generally used for flow stress and

microstructural refining mechanism determination. Under

severe plastic deformation (SPD), dislocation boundaries

evolve into a regular pattern of grain subdivisions,

belonging to two scales: large-scale long, continuous high-

angle dislocation boundaries (HABs), i.e., block walls, and

small-scale incidental low-angle dislocation boundaries

(LABs), i.e., cells [20– 27]. In a commercial aluminum

alloy, the boundary spacing and misorientation angle dis-

tribution of HABs and LABs evolve differently as a

function of strain; in particular, they exhibit different

morphologies at small to medium strains, but similar at

high strains [20, 21, 24, 25].

The high age-hardenability of Al– Mg– Si alloys is due

to the considerable secondary phase particles precipitation

during heat treatments. The importance of the age-hard-

ening response in the 6XXX family of aluminum alloys,

such as 6,082, has promoted several investigations into

their precipitation process kinetics leading to the identified

of b-Mg2Si and Si rounded, almost spherical, particles as

the predominant secondary phase precipitates and of some

other quaternary precipitates. The following precipitation

sequence takes place for the Mg2Si phase: (i) Aluminum

supersaturated solid solution (SSS); (ii) clustering of Si and

Mg atoms; (iii) dissolution of Mg clusters and formation of

Mg/Si co-clusters (GP-I zone); iv) b¢¢ needles (GP-II zone);

v) b¢ rod precipitates; vi) b (Mg2Si) stable plates [29– 34].

In the last decades, the need for improving the mechanical

properties of light alloys has oriented industry’s attention

and the research efforts toward two different, but parallel,

fields. One concerns the process of age-hardening of such

alloys and tended to improve the strength by introducing

new alloying elements, such as RE, Zr, Sc, Ag; the other

tackled the development of new metal processing tech-

niques to refine the microstructure and thus improve the

mechanical strength [35– 37].

The requirement of a small and stable grain size is

usually achieved by using either two-phase alloys or

materials containing precipitates that impede grain

boundary mobility and thereby restrict grain growth. The

latter is a specific peculiarity of Sc– Zr containing disper-

soids which are able to effectively pin low and high angle

boundaries together with free dislocations [37]. Aluminum

alloyed with scandium, or zirconium, has excellent

mechanical properties at room temperature, due to the

presence of coherent, nanometer size Al3Sc(Zr) precipi-

tates effectively dispersed either in the grain boundaries

and within grains, thus blocking mobile dislocations and

stabilizing a fine-grained structure [37, 38]. These

Al3Sc(Zr) precipitates are more stable than coarsening

6xxx series alloys, whose microstructures coarsen upon

reheating of the material. Scandium-containing aluminum

alloys thus constitute castable, heat-treatable, precipitation-

strengthened alloys that can be used at temperatures sig-

nificantly higher than conventional aluminum alloys.

Combined additions of Sc and Zr were shown to be more

effective in refining as-cast material microstructures. Zr is

able to replace some of the Sc in Al3Sc, giving rise to

Al3(Sc1-x,Zrx) dispersoids having an L12 crystal structure

like the Al3Sc [36– 40]. Loss in coherency of either Al3Zr

and Al3(Sc1-x,Zrx) dispersoids has been documented to

promote an increase in particle coarsening rate and in their

spacing. This effect produces a decrease in the dispersoids

pinning efficiency against boundary migration and dislo-

cation pinning [40– 42]. According to [40], the typical

radius for coherent-to-semicoherent dispersoids transition

is in the range 15– 40 nm, the size-activated particles

coarsening being actually delayed in that dimensional

range, which corresponds to a coherent and semicoherent

dispersoids coexistence condition.

The present paper aims at presenting some experimental

results on the role of Zr and Sc– Zr containing dispersoids

in two 6082 Al– Mg– Si alloys in the T8 condition, and

then subjected to severe plastic deformation and discussing

the formation and evolution of block walls and cells with

strain in both alloys.

Experimental procedures and method

The material was supplied by Hydro-Norsk (Trondheim,

Norway) in the form of extruded cylindrical billets 10 mm

in diameter. The chemical composition of the two alloys is

reported in Table 1 (wt.%). According to Table 1, the
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Al– Mg– Si– (Zr) alloy will be designated as alloy 1, and

Al– Mg– Si– (Sc– Zr) as alloy 2. The microstructural study

was carried out on the material subjected to T8 (solution

treatment at 803 K/4 h, quenching and overaging at 463 K/

8 h), followed by ECAP to a true strain of ~12. T8 treat-

ment was carried out to completely homogenize the alloy

microstructure, avoiding the possibility of secondary phase

precipitation during following deformation. The heat

treatment is expected to have allowed the complete pre-

cipitation of the secondary phases leaving a minimum solid

solution level in the matrix of the material being deformed.

Thus, the study of the role of Al3Zr and Al3(Sc1-x,Zrx)

dispersoids on the boundary generation and evolution and

their influence on the high density dislocation interaction

with the secondary phase particles, was facilitated. Even-

tually, the heat treated specimens were subjected to ECAP

at room temperature using the so-called ‘‘route BC’’ [9]

(a + 90� billet rotation at each pass) for a maximum of 12

passes. This route was selected because experiments on

pure aluminum have shown that it leads most effectively to

a homogeneous microstructure of essentially equiaxed

grains separated by high-angle grain boundaries [28]. The

ECAP die configuration was designed so as to have two

intersecting channels meeting at an angle of 90� and an

outer arc of curvature of 45�, inducing an equivalent strain

of approximately 1 after each pass through the die (i.e., a

strain of 1.05 at each pass) and thus generating a maximum

strain of ~12, after the twelfth pass [8, 10, 13, 14]. The

ECAP die was made of a block of SK3 tool steel

(Fe-1.1%C), according to the design reported in [43]. Bil-

lets for microstructural inspections were sectioned along

the Y-plane [9, 14] (essentially along the extruding direc-

tion), containing the pressing direction (PD) and the

transverse direction.

Polarized optical microscopy (POM) images were ac-

quired from specimen surfaces etched by using a solution

of HBF4 in ethanol at 273 K and 12 V. Thin foils were

mechanically prepared to a thickness of ~120 lm, then 3-

mm discs were punched and electro-polished using a

solution of 1/3 HNO3 and methanol at 240 K and 18 V. A

PhilipsTM CM200 transmission electron microscope,

operating at 200 kV, equipped with double tilt specimen

holder, was used. To optimize particles inspection, trans-

mission electron microscopy (TEM) studies were carried

out by titling discs so that their surface lay near the [001]

zone axis, revealing the Æ100æ edge of squared-shape Al3Zr

and Al3(Sc1-x,Zrx) dispersoids. Al3(Sc1-x,Zrx) and Al3Zr

dispersoids was detected by dark-field imaging utilizing the

(100) and (110) diffraction spots of the precipitates. Iden-

tification of other phases (Mg2Si, Si and Fe-rich quaternary

intermetallic Al15(Fe,Mn)3Si2) was performed by using a

combination of energy dispersive X-ray spectroscopy

(EDS) and selected area electron diffraction patterns

(SAEDPs). Precipitate density is calculated from the

number of precipitates per area unit divided by the thick-

ness of the foil. Local thickness was calculated by com-

puter assisted in situ direct measurements. Mean number

and size of secondary phase particles were calculated using

a computer assisted image analysis facility. Boundary

misorientation was quantitatively characterized in the TEM

by using Kikuchi pattern analysis, and Moiré fringes for

those boundaries showing it (typically less than ~5� in

misorientation) [26]. For each TEM disc (i.e., each

experimental condition), the relative misorientation of

typically 50 boundaries was measured. Al3Zr and

Al3(Sc1-x,Zrx) dispersoid density was determined by dark-

field TEM inspections on at least 20 different zones, at a

magnification of 50 kX, and by using the linear intercept

method. Thin disc local thickness was measured by the

extinction contour method.

Micro-hardness tests were carried out by applying a load

of 100 g for 15 s, and average data were calculated from a

series of 20 independent measurements repeated for each

condition.

Results and discussion

Figure 1(a), (b) shows the microstructure of alloy 1 and 2,

respectively in the as-extruded, purchased state. Very

elongated grains characterize the microstructure of either

alloys with a narrower lateral spacing in the case of the alloy

containing Sc (alloy 2), compared to the case of alloy 1,

grain lateral spacing being of ~45 lm and ~38 lm, for alloy

1 and 2, respectively. The inset, in Fig. 1(a) and (b) shows a

sectional view of the microstructure from which the

estimation of the lateral grain spacing (appearing elongate

along the longitudinal section, i.e., the extruded direction) is

greatly favored.

Figure 2(a), (b) shows two POM images of the extruded

and T8 treated materials along the Y-plane, for alloy 1 and

2, respectively. The very elongated grains of the extruded

Table 1 Chemical composition

(wt.%) of Al– Mg– Si– (Zr),

alloy 1, and Al– Mg– Si– (Sc–

Zr), alloy 2

(wt.%) Mg Si Fe Mn Zr Sc

Alloy 1 0.34 0.51 0.16 0.014 0.10 –

Alloy 2 0.33 0.52 0.17 0.014 0.10 0.117
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T8 treated alloy 2 appeared thinner than the alloy 1 in the

same condition. This is primarily due to more diffuse and

larger number of fine Al3(Sc1-x,Zrx) fine dispersoids, which

appear more effective in pinning boundaries than in the

material with Al3Zr dispersoids. It is interesting to note that

the T8 heat treatment generated a recrystallized micro-

structure still exhibiting fairly elongated grains in both

cases. As a matter of fact, recrystallization was much more

effectively retarded by the Al3(Sc1-x,Zrx) dispersoids (alloy

2), compared with the far less densely dispersed Al3Zr

dispersoids, which characterize the alloy 1 microstructure.

Average dispersoids density has been calculated to be

as high as 1.5 · 1020 m–3 and 4.8 · 1019 m–3 for Al3
(Sc1-x,Zrx) and Al3Zr dispersoids, respectively. This means

that the density of Sc-containing dispersoids are more than

three times as high as Al3Zr. This is due to either a higher

(Sc + Zr) concentration in alloy 2, respect to Zr in alloy 1,

and to slightly coarser dimensions of Al3Zr, being of

38 nm in average, compared to 25 nm of the Al3(Sc1-x,Zrx).

These data indicate the Sc addition to markedly favor the

dispersoids precipitation finely disperse in the whole

material’s microstructure. A significant consequence of this

higher Sc-dispersoids fraction is surely responsible for a

different lateral grain spacing for the two alloys. In fact, the

mean transverse grain spacing of the alloy 1 and 2 is of

~20 lm and ~12 lm, respectively, which means that the

presence of the complex Al3(Sc1-x,Zrx) dispersoids con-

siderably reduces the post-T8 grained microstructure

(Fig. 2(a), (b)). Moreover, recrystallisation induced by the

T8 treatment in presence of dispersoids greatly contributed

to reduce the grained structure more than halving the lat-

eral grain spacing. Vetrano et al. [44], in their study, sug-

gested that Al3Sc dispersoids have a coherency level higher

than the Al3(Sc1-x,Zrx). This result in a more effective

pinning phenomena of HABs of the formed, compared to

the latter. This is believed to be due to the presence of Zr

within the chemical structure of Al3(Sc1-x,Zrx), which, for

his more than double density compared to Sc, and its

bigger radius, contributes to limit the dispersoid size range

of coherency.

The macroscopic effect of the shear bands after the first

pass is illustrated in Fig. 2(c), (d), which are two polarized

optical images. The microstructure at the maximum strain

of ~12 of both materials is illustrated in Fig. 2(e), (f),

which reports two representative low-magnification TEM

images of alloy 1 and 2, respectively. The major difference

consists of a remarkable presence of very narrow strips

( < 1 lm) of high-angle boundaries interrupted by inter-

secting high and low angle boundaries, which contribute to

form fine grains and cells. The microstructure of alloy 1

shows a considerable fraction of equiaxed sub-micrometer

grains and cells, together with elongated HABs. Micro-

structure differences between the two alloys, consisted in

the a scale factor in the boundary evolution with strain, that

is, the HABs spacing and fine equiaxed structures (either

grains and cells) were constantly wider in the alloy 1,

compared to same strain microstructure of alloy 2. This is

clearly due to the diffuse presence of the fine Al3(Sc1-x,Zrx)

dispersoids, that have a mean equivalent diameter of 25 nm

and a mean spacing on the (100) plane of 560 nm, com-

pared to the 38 nm average size of Al3Zr, with a spacing of

1,020 nm. Micro-hardness and electrical conductivity

(Fig. 3) show continuously increasing and decreasing

trends with strain, respectively. Hardness consistently

increases with strain in both alloy 1 and 2, alloy 1 being

constantly less hard by 10– 15%. This difference in hard-

ness could be attributed to a less effective microstructure

refinement, in the alloy containing the Al3Zr, that retard the

formation of fine HAB structures. The quick and effective

microstructure refinement is prevalently responsible for the

increased hardness values with strain, while addition of Sc

to alloy 1, contributed to further hardening of the material,

over the whole range of strain. At the same time, the

electrical conductivity steadily decreases with strain, the

material not containing Sc having consistently higher val-

ues respect the one with Sc. This is clearly due to the

Fig. 1 POM images of the as-extruded microstructure of Al– Mg– Si– (Zr), alloy1 (a), and Al– Mg– Si– (Sc– Zr), alloy 2 (b). The inlet shows

the sectional plane microstructure
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diffuse presence, within the grains, of the nanometer

Al3(Sc1-x,Zrx) dispersoids, capable of continuously pinning

dislocations and cell boundaries resulting in a larger

reduction in conductivity in a much more effective way

than in Al3Zr. An important point is which factors are

responsible for the higher strength:

1. higher dispersoid density

2. greater dispersoid coherency

3. more refined grain size due to differences in the pin-

ning abilities of the two different dispersoids

4. differences in the dislocation density due to relatively

different stabilization abilities of the two different

dispersoids

POM inspections showed coarse scale deformation

banding within some grains, although other grains

appeared to have deformed more homogeneously. More

detailed microstructural examination revealed well-defined

cellular structures bounded by diffuse arrays of disloca-

tions. Figure 4(a)– (d) shows some representative TEM

Fig. 2 Microstructure of alloy 1, (a), (c), (e) and alloy 2, (b), (d),

(f). (a), (b) are polarized optical images of the as-extruded and T8

condition; (c), (d) are polarized optical images of the microstruc-

ture after the first pass and showing the shear bands; (e), (f) are

low-magnification TEM images of the materials subjected to 12

passes
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images of both materials after 1 and 12 passes. The cells,

which were found to contain high levels of interior dislo-

cations, had a mean size of ~2 lm after the first pass in

presence of Sc, and of ~5 lm in the other material; cell

boundary misorientation was mainly of 4– 5�, and 1– 2�,

respectively. Cell size shrank with strain more effectively

in alloy 2, reaching a mean size of ~330 nm, after 8 passes,

and ~250 nm after a strain of 12, while it was considerably

less pronounced in the material not containing Sc, reaching

the value of ~720 nm, after 8 passes, and ~450 nm at a

strain of 12. The cell boundary misorientation increased

much more in the presence of the Al3(Sc1-x,Zrx) dispersoids

to a mean value of ~8�, compared with ~5� in alloy 1. In

alloy 1, the Al3Zr dispersoids are mostly coherent and

spherical, which are heterogeneous distributed throughout

the matrix; in alloy 2, the Sc-containing dispersoids are

much more homogeneously distributed. In Fig. 5(a) the

mean misorientation of cell and grain boundaries (essen-

tially block walls) is plotted as a function of the strain. The

effect of Al3(Sc1-x,Zrx) is apparent in the higher increasing

rate of misorientation of both block walls and cell

boundaries, which increase to a greater extent than in the

alloy with Al3Zr dispersoids. The deformation and micro-

structure refining mechanism is believe to be greatly

influenced by the spatial distribution and size of the fine

dispersoids. In a sense, they act as preferential deforming

paths for the deformation bands, which control the refining

process.

Dispersoids pin not only free dislocations and tangling

dislocations, but, if possible, even more effectively, also

cell boundaries and the newly introduced deformation

bands. Both block walls and cell boundaries, generated

during deformation, are made to flow and slide within the

microstructure by the effect of the specific die geometry,

shearing the original microstructure at an angle of ~45�
with respect to the pressing direction, as is the case of

aluminum alloys not containing dispersoids [7, 9– 14, 17,

35]. As a matter of fact, boundaries evolution is sensitive to

the fine dispersoids spatial distribution. More specifically,

in the present study, both alloys showed a non-uniform

dispersoids distribution, in that they are primarily located

along rows almost parallel to the extrusion direction of the

bars. Thus, dispersoids lying along the formed extruded

direction, pin the newly formed boundaries. The combi-

nation of the strong boundary pin capability and their

preferred spatial distribution is able to generate a quick

misorientation increment, at each strain leap, especially on

the previously generated boundaries. As a consequence,

the larger fraction of HABs and LABs, with respect the

material containing Al3Zr dispersoids, is generated by the

continuous misorientation increment driven by the Al3
(Sc1-x,Zrx) dispersoids (Fig. 5(b)). (Fig. 6)

In a previous manuscript [35], M. Cabibbo and

co-workers documented and reported a breaking-up of

Mg2Si and shrinking of Si particles in a similar 6082-T8

Al– Mg– Si alloy subjected to ECAP. The same investiga-

tions were carried out for the alloy 1 and 2 and results are

reported in Table 2, where for convenience, the data, pub-

lished in [35], and related to the parent Al-Mg– Si T8 alloy,

are also reported. Figure 7 sows a representative Bright-

field TEM image documenting the Mg2Si breaking up and

Si shrinking phenomenon induced by the increasing severe

plastic deformation. This process was actually visible in

different regions of the specimen and was rather diffuse,

irrespective of the vicinity of a cell or grain boundary.

Figure 7(a), (b) shows a plot of the Mg2Si and Si frac-

tion f (f = 4pdeq
3 NV/3) and spacing (k), respectively, as a

function of strain of alloy 1 and 2; the data related to the

base material (Al– Mg– Si T8 alloy) and published in [35]

are also reported for comparison. The major aspect is by far

the remarkable Mg2Si size reduction with strain (especially

after the first pass), whilst Si particles reduction effect is

rather limited. These considerations hold much more in the

case of alloy 1 than alloy 2, revealing a Sc-containing

Fig. 3 Micro-hardness (a) and electrical conductivity (b) as a

function of true strain. The two plots refer to both alloys, with and

without Sc

5334 J Mater Sci (2006) 41:5329–5338

123



dispersoids effect on the microstructural deforming aspects

occurring through the increasing severe plastic deforma-

tion.

The very interesting aspect in the present case is the

reduced scale of the former phenomenon following severe

plastic deformation, especially in the material containing

Fig. 4 TEM images of Al–

Mg– Si– (Zr) and treated Al–

Mg– Si– (Sc– Zr), after 1 pass:

(a) and (b), after 4 passes: (c)

and (d), and after 12 passes (e)

and (f), respectively
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Al3(Sc1-x,Zrx) dispersoids, compared to the case presented

in [35]. In fact, in [35], a strong influence of the high

dislocation density introduced into the microstructure

during ECAP, on the secondary phase particles distribution

(i.e., size and spacing) was documented and discussed. A

redistribution in the matrix, of Mg and Si atoms previously

forming the long, needle-like Mg2Si particles which were

cut off by the glide dislocations was documented by either

TEM and DSC analyses. It was also pointed out that the

first ECAP pass is mainly responsible for bulk of the Mg2Si

particles fragmentation and for the partial dissolution of Si

particles, as also reported in Table 1, in the present work.

Thus, the Mg2Si fine particles produced contributed more

effectively to the dislocation hardening by pinning them and

thus further enhancing the formation of dislocation cell

networks within the deformed grains. The partial dissolution

of Si particles might be due to their spherical morphology

favouring, to some extent, a local lattice re-distribution of Si

due to the effect of the very high dislocation density

produced by the severe plastic deformation.

Dispersoids are believed to be able to inhibit the effect

of dislocations in cutting and partially dissolving Mg2Si

and Si particles, respectively, by effectively pinning them

while leaving a small fraction of them free to act on the

secondary phase particles. The rather low density of fine

particles of Si and Mg2Si secondary phase, is basically due

to the overaging treatment at 463 K/8 h, which induced a

bulky particle growing to a micrometer scale. These were

not taken into account in the Orowan strengthening cal-

culations as a function of strain due to their far less

effectiveness in alloy hardening (Table 2).

Conclusions

The microstructure of a 0.10wt.%Zr-modified 6082-T8

alloy with and without 0.117wt.%Sc addition has been

Fig. 5 Comparison of both materials on high angle boundary fraction

(a), and on mean cell and block wall misorientation (b) as a function

of strain

Fig. 6 BF-TEM showing the

severe plastic deformation

induced Mg2Si breaking up and

Si shrinking phenomenon
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investigated by means of transmission electron microscopy

techniques, as a function of the increasing severe plastic

deformation throughout ECAP.

The major results can be highlighted as follows:

(i) The very elongated grains of the extruded (Sc– Zr)-

containing and T8 treated material were thinner than

ones of the Zr-containing material, the mean trans-

verse grain spacing being ~12 lm and ~20 lm,

respectively. Al3(Sc1-x,Zrx) dispersoids were finer and

more densely distributed throughout the matrix,

compared to the Al3Zr.

(ii) The presence of the very fine Al3(Sc1-x,Zrx) disper-

soids, in the (Al– Mg– Si)– Zr alloy has highlighted

some complex and important effects. The dispersoids

effectively reduce the block walls spacing and cell

size. HAB evolution with strain was inhibited by the

presence of dispersoids. More specifically, Al3(Sc1-

x,Zrx) were highly coherent with the matrix, finer and

more diffuse, than Al3Zr, resulting in a further

retardation of formation of HABs. This because,

dispersoids effectively pinned tangled dislocations

generating a large fraction of free dislocations,

strongly inhibiting the generation of LAB cells.

Especially for the early stages of deformation (i.e.,

first passes), the vast majority of the newly formed

boundaries were block walls (both LAB and HAB)

directly formed by the shear deformation. At the same

time, the misorientation of the formed boundaries

kept increasing quickly, and again, faster in the alloy

with Al3(Sc1-x,Zrx).

(iii) A very interesting aspect is the reduced phenomenon

of breaking-up of Mg2Si particles and Si shrinkage,

generated by the effect of the severe plastic defor-

mation, especially in the material containing

Al3(Sc1-x,Zrx) dispersoids, compared with the parent

Al– Mg– Si (6082) T8 alloy.

TEM inspections allowed to calculate the specific con-

tribution to the Orowan strengthening of Mg2Si and Si.

During the severe plastic deformation, b-Mg2Si particles

showed a widespread tendency to fragment, and the finer

Table 2 Mean equivalent diameter (deq: S = pdeq
2 /4), number per

volume unit (NV) and centre-to-centre spacing (k) of Mg2Si and Si

secondary phase particles in alloy 1 and 2, as a function of strain

Alloy 1* Al– Mg– Si– (Zr) ** deq [nm] NV [1019/m3] k [nm]

As-extruded + T8 Si 130 1.05 1,090

Mg2Si 185 1.30 810

ECAP 1 pass Si 118 0.90 1,420

Mg2Si 168 0.85 1,160

ECAP 8 passes Si 116 0.60 1,530

Mg2Si 125 0.80 1,220

ECAP 12 passes Si 102 0.45 1,810

Mg2Si 115 0.50 1,620

Alloy 2* Al– Mg– Si– (Zr– Sc) ** deq [nm] NV [1019/m3] k [nm]

As-extruded + T8 Si 145 1.00 1,050

Mg2Si 190 1.35 780

ECAP 1 pass Si 130 0.90 1,140

Mg2Si 200 0.95 900

ECAP 8 passes Si 120 0.80 1,250

Mg2Si 165 1.20 905

ECAP 12 passes Si 125 0.95 1,160

Mg2Si 160 1.05 980

Al– Mg– Si* (AA6082) [35] ** deq [nm] NV [1019/m3] k [nm]

T8 Si 100 1.15 490

Mg2Si 160 3.30 1,390

ECAP 1 pass Si 120 0.65 4,570

Mg2Si 150 0.75 3,030

ECAP 4 passes Si 110 0.65 4,540

Mg2Si 135 1.15 2,640

ECAP 6 passes Si 100 0.60 4,560

Mg2Si 110 1.40 2,660

*Only the nanometre-scale particles are here considered

**Associated error: 5% Fig. 7 Plot of the Mg2Si and Si particles fraction f (f = pdeq
3 NV/6)

(a), and spacing k (b) versus strain of both alloy 1 and 2; the data

related to the base Al– Mg– Si T8 alloy, and published in [35], are

also reported
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particles were more effective in pinning the dislocations.

By contrast, Si tended to dissolve under SPD and its

strengthening effect was drastically reduced.
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